Abstract. We are presenting a new method of processing polystyrene-silica nanocomposites, which results in a very well-defined dispersion of small primary aggregates (assembly of 15 nanoparticles of 10 nm diameter) in the matrix. The process is based on the use of a high boiling point solvent, in which the nanoparticles are well dispersed, and a controlled evaporation procedure. The filler's fine network structure is determined over a wide range of sizes, using a combination of Small Angle Neutron Scattering (SANS) and Transmission Electronic Microscopy (TEM) experiments. The mechanical response of the nanocomposite material has been investigated both for small (ARES oscillatory shear and Dynamical Mechanical Analysis) and large deformations (uniaxial traction), as a function of the concentration of the particles in the matrix. Our findings show that with a simple tuning parameter, the silica filler volume fraction, we can investigate in the same way the structure-property correlations related to the two main reinforcement effects: the filler network contribution, and a filler-polymer matrix effect. Above a silica volume fraction threshold, we were able to highlight a divergence of the reinforcement factor, which is clearly correlated to the formation of a connected network built up from the finite-size primary aggregates, and is thus a direct illustration of the filler network contribution. For a silica volume fraction lower than this percolation threshold, we obtain a new additional elastic contribution of the material, of longer terminal time than the matrix. This cannot be attributed to the filler network effect, as the filler is well dispersed, each element separated from the next by a mean distance of 60 nm. This new result, which implies the filler-matrix contribution of the reinforcement, must include interfacial contributions. Nevertheless, it cannot be described solely with the concept of glassy layer, i.e. only as a dynamic effect, because its typical length scale extension should be much shorter, of the order of 2nm. This implies a need to reconsider the polymer-filler interaction potential, and to take into account a possible additional polymer conformational contribution due to the existence of indirect long range bridging of the filler by the chains.
The experimental distinction between these two classes of contributions to the reinforcement mechanisms, filler network and interface, is difficult because they are often correlated:
-when starting from already complex fillers (such as carbon black or fumed silica) the structure of the filler affects the build-up, the geometry, the connectivity of the filler network, and the related interfacial interaction. The interaction potential between the chain and the filler is also associated to the filler's form factor. As discussed by Vilgis 20 , the problem is multi-length and multi-time scale so that many characteristics lengths must be identified, from the nanometer range to the macroscopic one.
-when starting from individual nanoparticles, once again, an (often spontaneous) build-up of clusters brings the problem back to the former situation. However, particularly in industry, dispersion control implies a use of surfactants, grafted short linear molecules, coupling agents, which greatly and simultaneously modify -and thus correlate -the filler structure and the local interface. Trying to reduce this correlation, this same idea of controlling the filler's local dispersion, in particular the nanofillers, has been used in academic research, through more or less sophisticated chemistries like in-situ polymerization after dispersion of nanoparticles 21 , or grafting polymerization on individual nanoparticles 22, 23 . Other methods implied simple control of electrostatics repulsion 24 , or of magnetic attraction 25 , by mixing the particles with polymer beads (latex) -instead of polymer chains like in the great majority of tire processing (at least up to very recently).
In the present paper, we are presenting another strategy, which turns out to be very simple, based on a new method of nanocomposite processing, using a polystyrene matrix filled with silica nanoparticles. First, we will present the method, based on the use of a particular solvent, with a high boiling point, above the glass transition temperature T g of the polymer, and a controlled-evaporation procedure which appears to limit the attractive Van der Waals interactions effect, and thus makes it possible to obtain a particularly well defined dispersion of the silica particles in the matrix. Secondly,
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we will describe the fine characterization of the filler dispersion in the matrix on a very wide length range, through a combination of Small-Angle Neutron Scattering (SANS) and Transmission Electronic Microscopy (TEM). Thirdly, we will report the mechanical response of the material at low (ARES oscillatory shear plate-plate rheometer, and Dynamical Mechanical Analysis, DMA) and large deformation (uniaxial stretching). Finally, we will discuss the link between the filler structure inside the matrix at the local scale, with the mechanical behavior of the nanocomposites at the macroscopic scale.
1 Sample preparation
The colloidal solution of silica nanoparticles is a gift from NISSAN (DMAC-ST). In this solution, the native particles, of an average radius of 5.2 nm, are electrostatically dispersed in the dimethylacetamide (DMAc), a polar solvent which is also a good solvent for the polymer used as a matrix, polystyrene (PS, Aldrich, M w =280 000 g/mol, I p =2, used as received). The glass transition T g of pure PS is around ). The specific conditions of film formulations, solvent titration, etc… are discussed in the Results section of the article. We cut some disks out of the films (diameter 1cm, thickness 1mm)
for the plate-plate oscillatory shear cell, and 2 cm  0.5 cm rectangular 1mm thick films, for DMA as well as for uniaxial stretching.
SANS experiments
Measurements were performed at the Laboratoire Léon Brillouin (LLB) on the SANS spectrometer called PACE. Two configurations were used: one with wavelength 17 Å, sample-to-detector distance of 4.70 m, and a collimation distance of 5.00 m, and one with wavelength 6 Å, sample-to-detector distance of 3m, and a collimation distance of 2.50 m corresponding to a total q range of 2.10 -3 Å -1 to 0. background, due to protons of the matrix chains, was subtracted using a blank sample with zero silica fractions.
Transmission Electronic Microscopy
In order to complete on a larger scale the SANS analysis of the nanocomposite structure, conventional TEM observations were also performed on composite materials. The samples were cut at room temperature by ultramicrotomy using a Leica MZ6 Ultracup UCT microtome with a diamond knife. The cutting speed was set to 0.2mm.s -1
. The thin sections of about 40 nm thickness were floated on deionized water and collected on a 400-mesh copper grid. Transmission electron microscopy was performed on a Philips Tecnai F20 ST microscope (field-emission gun operated at 3.8 kV extraction
voltage) operating at 200 kV. Precise scans of various regions of the sample were systematically done, starting at a small magnification which was then gradually increased. The slabs observed were stable under the electron beam. The sample aspect was the same in every area of every piece. Apart from a few cutting scratches, moderate buckling, very rare bubbles, and impurities, the pictures given below are completely representative of the single aspect of the sample, which thus appears homogeneous.
Oscillatory Shear Small Deformation Tests
Shear tests, corresponding to low deformation levels (0.5%), were carried out in the dynamic mode in strain-controlled conditions with a plate-plate cell of an ARES spectrometer (Rheometrics-TA)
equipped with an air-pulsed oven. This thermal environment ensures a temperature control within 0.1 °C. The samples were placed between the two plate (diameter 1mm) fixtures at high temperature (160 °C), far above the glass transition, put under slight normal stress (around 0.5 N), and temperature was decreased progressively, while gently reducing the gap to maintain a constant low normal stress under
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thermal retraction. The zero gap is set by contact, the error on sample thicknesses is thus minimal; estimated at +0.010mm with respect to the indicated value. Artifacts slipping are noticeably reduced by this procedure, as checked by its reproducibility, and also by a sweeping in amplitude, at constant pulsation, which also made it possible to determine the limit of the range of linear deformation. To stay below this limit, the shear amplitude was fixed to 0.5%. Samples are stabilized at the temperature for 30 minutes before starting measurements. The reproducibility was first tested on pure PS samples with an average of 5 repetition measurements, permitting an estimatation of variations of the order of 10%. In dynamic mode, the frequency range was from 0.5 to 100 rad/s for different temperatures (from 160 to 120 °C), and time-temperature superposition was applied. The obtained multiplicative factor can be adjusted to WLF law 27 as follows
where a T is the multiplicative factor, T ref is the reference temperature of the master curve (in our case 143 °C), T the temperature of the measurement, C 1 and C 2 the WLF parameters. We found C 1 =6.72 and C 2 =98.03 °C, which is commonly obtained for PS samples 28 . For this plate and plate technique, we only focused on the samples with low silica concentration (from 0 to 5% v/v), because for higher silica fractions (> 5% v/v) the measurement reproducibility was not insured (risk of slippage). temperatures ranging from 40 °C to 300 °C with a heating rate of 10 K/min. Analysis of the oscillatory stress response is done by the software provided by TA; a preloading of 0.04 N is applied to avoid buckling. Note that 5 Hz corresponds to a short timespan, 0.2 sec. However, a measurement at 200 °C, applying a time-temperature superposition factor of 296, corresponds when using Eq. 1. to 60 sec at the reference temperature of 143 °C (equivalent to 2  / 60 = 0.1 rad/s). Two identical experiments (for pure PS samples) were performed to check the reproducibility of the measurements, and correct obtained values. The storage (E') and the loss (E'') moduli of the complex Young modulus (E*), and the loss factor tan δ = (E''/E') at 5 Hz, are extracted from the measurements. The temperature at which tan δ shows a maximum is noted T α . As we said in our Introduction, we feel it is very important in nanocomposite science to obtain welldefined model systems, in which one knows how the filler is dispersed inside the matrix, to discriminate the polymer chain interfacial effects (including the dynamic ones) from effects of the network filler structure in the composites' mechanical properties. Nanocomposites of PS filled with silica nanoparticles have been extensively studied in the past decade 29, 30 . The results show the difficulty of obtaining a good dispersion of the silica particles at the nanometer scale, which formed in most cases large compact aggregates (of the order of a hundred nanometers or larger) in the PS matrix. One cause of this dispersion problem may be a difficulty in controlling, during the filmification process, the evaporation speed of the solvent used (toluene, THF, methylethylketone (MEK) 29 …), and the temperature with respect to boiling point and T g . Indeed various dispersions can be obtained with the same solvent 29, 30 . Anyway, in our case, Dimethylacetamide (DMAc), the solvent in which silica particles are electrostatically stabilized (and which is also a good solvent for the PS), has a high boiling point, 167 °C. The casting temperature could be fixed at 130 °C, which corresponds to a relatively controlled evaporation regime, while remaining above the T g of the bulk polymer. The drying time has been determined, using the dry film reference (without silica particles), as the one for which DSC measurements showed a glass transition temperature stabilizing at T g = 98 °C , i.e. very close to the one of native polymer powder (T g = 100 °C). The residual quantity of solvent inside the composite film is found to plateau around 0.4 %wt, as determined by thermogravimetry. 
Let us now discuss the aspect of the different spectra, which evidence different Q ranges:
-at high Q, all curves superimpose perfectly after dividing by the silica fraction, indicating a good normalization of the concentration and the thickness of the samples. The scattering intensity decreases
, which is characteristic of the scattering of a sharp well-defined interface between the native silica particles (R 0 = 5 nm) and the polymer matrix. At the intermediate Q range, we note an oscillation, highlighted in a Q
3
.I versus Q representation (see insert in Fig. 1 ) where it gives a maximum. Since the position of this maximum does not vary with the concentration, we can assume that it corresponds to a privileged distance inside every object, more precisely between initial spheres in contact inside the objects (in other words an internal structure factor).
[Figure 1]
-at low Q, the remarkable point of the whole set of data in Fig.1 is the absence of any upturn in intensity, for Q tending to 0. This indicates that if larger agglomerates existed, it would require lower Qs to detect them; in practice, TEM at low magnification (see below) shows, in the direct space, a complete absence of such agglomerates. For small concentrations (6.6 and 10.5% v/v), at low Q, the curves exhibit a plateau which is the signature of finite-size objects in the probed length scale. These objects, which we will now call "primary aggregates", are the results of the aggregation of a finite number of the native silica beads. The form factor of the primary aggregate can be approached from the most diluted scattering curve (6.6 %v/v, neglecting inter-aggregate correlations). We propose to model it by the form factor of fractal objects with the following equation
where agg N is the number of native beads inside the primary aggregate, D f is the fractal dimension of the primary aggregates,
is the form factor of a sphere, and L(R, ) is the log-normal distribution of the radius, with a variance ). As we are dealing with the most diluted film, neglecting inter-aggregates correlations as explained above, we assume the structure factor between aggregates er agg S int to be equal to 1. The total scattering intensity can thus be expressed as:
where 2   is the contrast difference between the silica and the PS matrix. The intra-aggregate structure factor, due to the repulsive interaction between initial silica beads in contact, can be expressed on the basis of the Percus -Yevick relation 32 , which depends only on the radius and the concentration of the particles. We then use this structure factor ra int agg S to divide the measured intensity of the film containing 6.6 % v/v of silica particles; Fig. 2 shows the result and its fit to Eq.3 for P agg (Q). In the insert, one can see the superposition of the intensity and the calculated structure factor before division by S aggintra .
[Figure 2]
In the calculation of Eq.3, we use the radius and the log-normal polydispersity distribution () of the native particles, determined from a SANS measurement of a diluted solution of particles (0.1% v/v) and fixed here to R 0 =5nm, =0.36. The concentration is also fixed at the nominal value, so only the aggregation number and the fractal dimension are fitted. The result of the analysis, N agg =15, D f =2.5 (corresponding to objects of a mean radius around 30 nm), agrees well with the experimental curve. The
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difference between the calculation and the experimental data around 4 10 -2 Å -1 comes mainly from the fact that we have not taken into account the polydispersity in the expression of the PY structure factor.
The fractal dimension of the primary aggregates (2.5) extracted from the analysis should be also a little bit over estimated by the presence, but not clearly visible and accessible in the experimental Q range, of the inter-aggregates structure factor.
For larger silica fractions in the film, we see at low Q a second remarkable feature: a maximum appears. At first sight, the presence of this "peak" confirms the good dispersion of the particles in the polymer matrix: there is a privileged distance in the system. Let us now discuss its origin, using the evolution of the peak position as a function of the concentration (Fig. 3) .
Two situations can be considered. The first situation is described by the well-known hard sphere model: the primary aggregates are distributed at random, on the condition that they cannot overlap;
when increasing their concentration, they come closer to each other without being connected. This would lead to a liquid-like order showing repulsive interaction between the mass centers of the primary aggregates, and the variation of the peak position as the function of the concentration should be 33 Q* (1/3) . The second situation is that the fractal primary aggregates connect with each other, which can be analogous to a percolation transition. In this case, Q* should correspond to the characteristic size of the network mesh, and display a Q* 0.88 scaling 34 . Plotting Q* versus  (Fig. 3) , we obtain a slope of 0.87 +/-0.05, suggesting that we are in this second situation for Φ SiO2 > 10% (below this value no maximum is seen in our Q range). Thus SANS measurements give us a global but relevant view of both the form factor of the primary aggregates, and the organization of the filler network in the polymer matrix.
However, to correlate the rheological macroscopic properties with the local filler structure, we need to make a final check, and verify that there is no additional organization of the objects at a larger scale than the one probed with SANS. At the same time, it will also be interesting to confirm the local This is what we will show in the next section, using Electronic Transmission Microscopy.
[ Figures respectively). The most important result is that the homogeneity of the two samples is extremely good from the 50 nm scale to the macroscopic scale.
At Φ SiO2 = 6.6%, the size distribution of the objects appears centered on a mean value which agrees well with the mean radius of primary aggregates deduced from the SANS analysis, i.e. 30 nm. The width of the distribution is enough to let objects of 200-300 nm at most appear. The origin of these objects is briefly discussed below. However, a further analysis of TEM would be out of this paper's scope, and we will keep using SANS results as a safe ensemble average of correlations. At Φ SiO2 = 15%, the real space picture confirms the model deduced from SANS. The structure keeps an "open" shape, id est does not show larger compact lumps: it shows a connected structure. We observe a characteristic net mesh size of the same order as D = 2 Π/ Q* = 2Π/ 5.3 10 -3 Ǻ -1 ~ 120 nm, corresponding to the abscissa Q* of the repulsion peak in the SANS spectrum for 15%. Thus the important result here is that on a larger scale, up to macroscopic scale, the silica spatial distribution is homogeneous, with no connectivity signature at 5% and with connectivity at 15%.
Such changes from one picture to the next, at larger silica fractions, raise the question of the evolution of the structure with silica volume fractions. Is it related to an aggregation process specific to each concentration? Or to the progressive aggregation or percolation, according to the concentration, of initial building bricks which would be the primary aggregates, until one reaches a connected network?
We will not attempt to answer this question here.
For Φ SiO2 = 6.6%, to evaluate the mean rim-to-rim distance between two primary clusters, we have to return to SANS data. Due to the absence of a maximum in the available range 2 to 3. 10
in the SANS curve for the diluted regime, this cannot be calculated it directly. We can make two different estimates. On the one hand, in the hypothesis of a progressive connection of primary aggregates, D is larger than the minimal distance D min , at a larger concentration, extracted when a maximum is detectable: in figure 2 , the peak appears for Φ SiO2 = 15%, and gives D min ~ 120 nm, as shown above. On the other hand, ignoring this hypothesis, we can, on a general basis, use the absence of a visible maximum at Q > 3. 10
. This suggests, in a less accurate way, that this distance is larger than D = 2/ 3. 10
~ 200 nm. Knowing the mean radius of the primary aggregates, 30nm, we can deduce that the minimal distance between the rims of two primary aggregates, for the diluted regime (Φ SiO2 = 6.6%), can be estimated around 60 nm in the first case, and 100 nm in the second case. This order of magnitude is also confirmed by a careful examination of a large number of real space picture (an example being figure 4(a) ). Since the thickness of the slab is of the order of 50 nm here, a value of 60 nm can safely be drawn for the 3 d space.
[ Figure 4] 4 Low deformation mechanical measurements Low deformation measurements are interesting because the microstructure of the films shows much less alteration The first set was obtained using the shear plate-plate rheometer ARES (amplitude 0.5%).
In Fig. 5(a) Fig.5(b) , and is also characteristic of entangled polystyrene of this molecular weight.
[Figure 5]
When silica is introduced, both G' () and G''() show clearly that, at high pulsation .a T >100
rad/s, whatever the silica volume fraction, the behavior of the nanocomposite is very close to the one of the PS matrix: the Rouse modes of the chains are still observed. At intermediate and low frequencies, differences appear. At .a T >10 rad/s, this is limited to a progressive increase of G' with silica fractions, analogous to elastic reinforcement as expected. But in the lowest pulsation regime, .a T < 1 rad/s a much more differentiated behavior is observed: adding silica greatly increases the terminal times. For the lowest silica volume fraction, it is only slightly increased compared to the one for pure PS; the creep zone stays in the same pulsation range, but a more accurate value can be extracted from the  abscissa of the crossing of G' and G''. As soon as the silica fraction reaches 2% v/v, the terminal relaxation time become so long that the creep zone is no longer visible in the experimental window. The existence of a long elasticity time is accompanied, predictably, by a low dissipation, so that the G'' values become inferior to the G' values in the low frequency range. In such a low  range, the slopes n, of the G' and G'' curves in log-log plot become parallel -in a rather narrow window in practice -and the ratio G'/G'', written as tan  () is equal to tan (n/2), as observed in a gelling process 8 . For higher silica concentrations (from 3 to 5%), this additional (with respect to pure matrix) elastic behavior is even more marked in the same low  range. It seems at >3% that the curve decay for  tending to 0 is slower. The trend of a plateau at lower  is more and more apparent at  = 4% and 5%. Pa. This makes measurements at higher  SiO2 more delicate, due in particular to risks of slippage.
For high concentrations, we turned to DMA experiments performed at fixed frequency (5 Hz), with an amplitude deformation ratio of 0.1%. As detailed in Section II, using time-temperature superposition, measurements between 143 °C and 200°C correspond to a time range at 143°C between 0.2 sec and 60 sec. In Fig. 6 , we show the evolution of the storage modulus E' and loss modulus E" for different volume fraction of silica (from 0% v/v to 20% v/v), as a function of temperature. For pure PS (without silica), at low temperature, i.e. for T < T α , the curve is typical of amorphous polymer with a high elastic modulus plateau of about 2.5 GPa. It corresponds to the glassy regime. The value obtained for T α is the usual one retained for the glass temperature of PS.
[ Figure 6 ] When T increases above T α , a steep decrease of E' is observed, followed by a shoulder corresponding to the entanglement rubbery plateau, very narrow before to be cut at slightly larger temperature by a strong decrease corresponding to the terminal relaxation. Measurements were stopped above the temperature at which the modulus becomes too weak, because the samples were flowing over during the measurement time.
In the presence of silica, different behaviors appear successively as the volume fraction increases.
First, the glassy plateau keeps the same height over the whole range of Φ SiO2 . Second, at high temperatures (T > 130 °C), three successive types of behavior can be distinguished:
-for the lowest value of Φ SiO2 (1% v/v), the behavior remains close to that of pure PS: the creep zone shoulder at higher temperatures keeps the same shape; it shifts slightly when passing from pure PS to
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1% silica-by less than 10 °C-, after which the sample flows. Note the height of the inflexion point is of the same magnitude as the modulus obtained on the oscillatory shear plate-plate ARES rheometer (i.e.
of the order of 0.1 MPa; we recall that E = 3 G in linear deformation range).
-for higher  SiO2 range, 3% v/v and 5% v/v, the most important fact is that at high T (T ~ 150 °C), the characteristic creep zone of pure PS disappears completely: the curvature is reversed, so that E' decreases slowly and seems to tend toward a plateau (~ 1MPa) at high temperatures (which however it does not reach).
-for volume fractions of 10% v/v, this plateau becomes clearly visible, and much higher (10 7 Pa).
-for 10 and 15 % v/v, definitely, high elastic plateaus are present, at the 5Hz frequency (10 MPa and 100 MPa)
-for 20% v/v, the plateau height has jumped to more than 10 8 Pa, only one decade below the glassy plateau height. The slight decrease visible at the highest temperature may be an artifact. We did not measure at larger temperatures than 300 °C because this would pass the limit of matrix's thermal stability. These results will be examined further in the Discussion section. We do not present those curves and only focus on homogenous and well-stretched samples. In these elongation measurements, all shorter processes will not produce an elastic reversible contribution, though they will contribute to the effective viscosity, but this contribution is not dominant. The set of stretching curves can be summarized by the progressive increase with  SiO2 of an initial stress jump at
the beginning of the elongation, while the shape at large  is similar, except for the shift due to the initial jump. This initial stress jump can be expressed in terms of an initial slope of stress vs.
deformation  = -1 in a low elongation ratio (λ<1.1) regime, giving an effective Young modulus E nanocomposite in this range of deformation. We have to be aware of the limitations of this analysis: the deformation  and the initial velocity gradient d/dt at  close to 1 are not accurately known, so that the sample may initially be subjected to a stronger and faster deformation than the nominal values. This may, in particular, alter the filler network. However, we will see in the Discussion below that these values compare well with the DMA values at equivalent instrumental times.
For very high silica concentration ( SiO2 > 10% v/v), a maximum is observed in the stress-strain curves, more and more pronounced when  SiO2 increases. Most of the time, this peak appears simultaneously with local necking, which is not discussed here. Actually, to compare with the pure matrix, a simplistic way to represent the reinforcement effect in nanocomposites is to plot the ratio of nanocomposite stress over the pure matrix stress versus . In Fig. 7 (b) this reinforcement factor R () increases notably with  SiO2 for small  (from 1 for 1% v/v to 100 for 15% v/v). At large , all curves show a rapid decrease toward what seems to be a constant value. This final "value" is a more slowly increasing function of  SiO2 ; no strong divergence with  SiO2 is seen here. Note however that the reinforcement factor remains 4 for 15%, at an elongation ratio of 2.
6 Differential Scanning Calorimetry Fig. 8(a) shows the Differential Scanning Calorimetry thermograms for the pure polymer and the different nanocomposites (from 1% to 20% v/v). All curves exhibit similar behavior: a slow decrease of heat flow followed by a steeper descent, provoking a step and corresponding to the glass transition temperature (T g ). We did not observe change of step height, i.e. of specific heat capacity and for the maximum of E". An opposite shift (negative) has been found for other PS-Silica composites prepared in different conditions 29 , but in further investigations of the same group, leading to better dispersion, this negative shift vanished 30 .
The precise description of the key parameter which governs the reinforcement mechanisms of nanocomposites depends on a thorough knowledge of the filler dispersion on the local scale. This is not always accessible, due to difficulties of sample processing (reproducibility, complexity) and suitability of the samples to characterization methods. Here, a reliable and reproducible processing technique allowed us to obtain well-defined nanocomposites, on which we were able to apply a combination of SANS and electronic microscopy to picture the nano-morphology of the silica particle inside the PS matrix. The dispersion can be summarized as follows: the system presents a silica volume fraction threshold (located around 7% v/v) between two main domains of the silica organization in the matrix.
For silica volume fractions lower than this critical value, the silica particles gather in finite-sized fractal clusters called "primary aggregates", of a small mean radius  30 nm, which are homogenously dispersed on a larger scale inside the matrix; they have no direct connectivity since they are separated from each other by a mean typical rim-to-rim distance of 60 nm, which represents the minimal estimated value. For silica volume fractions larger than the critical silica volume fraction, similar primary aggregates still exist and, due to the increase of their number per volume unit, they percolate into a directly connected and continuous network. The next step is now possible: to identify the mechanical responses of the composite with the two different structural organizations, for various characteristic time ranges (at 143°C) and rates of deformation depending on the technique: shorter times (0.5-60 s) for DMA (low deformation) and (2 s) for stretching (large deformation), and longer times (200 s) for small deformation for ARES.
For the shorter times, the results are summarized in Fig. 9 . The moduli E nanocomposite extracted from the initial slopes of the stretching curves (see Section II) have been represented in the form of the reinforcement ratio E nanocomposite / E matrix , as a function of filler concentration. We see in this plot a first linear part, then a fast divergence around 7%.
[ Figure 9 ]
This behavior is confirmed on the same Fig. 9 with moduli extracted from DMA measurements at T = 1.3 T  , which corresponds to instrumental times at 143 °C equivalent to stretching times. The two curves show parallel behavior. Assuming a fully elastic contribution, the crossover of the reinforcement factor, which corresponds to the critical volume fraction of the connected filler network's formation, can be interpreted in terms of connectivity, more precisely of percolation between the primary aggregates. Several classical equations 11, 12, 13 have attempted to describe such effects in the literature, but are known to fail to reproduce the divergence. This behavior was formerly observed for the rubbery modulus obtained from DMA of polymers reinforced by fillers of higher aspect ratio (fibers, platelets 9,10 ), and also formulated by Heinrich et al 14 for fractal aggregates. We have attempted to fit data to such a formula 14 , but the fit is very sensitive to the value of the different fractal dimensions, and easily gives unphysical values. If we restrict ourselves to the crossing between the low  SiO2 and high  SiO2 asymptotes of the curve in Figure 8 , we obtain an indicative value of * SiO2 ~ 7 to 10%. There is thus a clear direct correlation here between such mechanical behavior in nanocomposites and the local structure of the filler in the polymer matrix: the divergence of the reinforcement factor appears at the critical silica volume fraction at which the isolated primary aggregates are closer to each other and form a connected network.
For the longer times, a second and more surprising mechanical response of the composite appears in the silica volume fraction domain, in which the filler elements are not directly connected to each other, i.e. below the silica volume fraction threshold, for  SiO2 < * SiO2 . Although the rims of primary aggregates are separated by a mean minimal distance of 60 nm, the oscillatory shear experiments ( figure   5 ) and the DMA experiment at high temperature (figure 6) show an additional process corresponding to a longer terminal time, greater than the terminal time of the matrix. This means that after a decay of most of the elasticity at the matrix terminal time, an elastic fraction stays. At  SiO2 ≥ 4%, the complete relaxation of this elastic fraction is beyond our accessible time range. The occurrence of such elasticity between aggregates not directly connected, but separated by very long paths through a polymer matrix
of shorter terminal time, which should shortcut any additional elasticity, is, to our knowledge at least, an unexpected and original result.
The origin of this additional elastic contribution can first be discussed along the idea of the existence of a "glassy zone" around the particle filler. This has been proposed from earlier studies 7, 15, 16, 17, 18 , up to more recent research 35 from 1 H NMR and rheological measurements. It is suggested that this zone increases the effective volume of the filler around each particle 35 , and also that it shifts the threshold for percolation between the hard regions. The EHM model 36 developed for ionomers assumes the existence around the hard zones of intermediate mobility regions of a given thickness, which merge into low mobility regions when they percolate. The EHM model has been extended to nanofillers in polymer 7 . It has also been suggested that the hard coronas act on the steric repulsion ("hard sphere model") between the filler particles, hence on the spatial correlations as observed using SANS characterization 23 . In these systems, the filler is mostly spherical particles, and volume fractions are often higher than 10% 7, 35, 36 Moreover, we face another discrepancy with the measurements of Berriot et al 19, 35 . In their case, the dependence of ζ over T-T g results in the failure of the usual William-Landel-Ferry-Vogel-Fulcher timetemperature superposition. As a consequence, the reinforcement factor R (T,ω) does not obey the same time temperature superposition as the matrix. In our case, conversely, the time-temperature superposition applies correctly for oscillatory shear measurements, with the same coefficients as for the pure PS matrix. If a value of 25 nm is required for ζ to explain our Φ SiO2 = 6.6 % data, this value must be kept at 120 °C for stretching, and above for shear. This is also imposed by the DMA measurements at 5
Hz which display high reinforcements for Φ SiO2 = 6.6 %, up to T -Tg = 70 °C. So far from T g , ζ NMR has in most studies been estimated to a few nm. Keeping much larger values would mean a particularly strong interaction between the filler and the polystyrene. Though it is in principle possible, since the filler and the polymer are different from the ones in ref. 35 and other NMR investigations, the existence of such an interaction is in contradiction with the DSC measurements: even at = 20%, DSC gives a shift of the average T g of 6 °C only. In summary, attributing through-polymer connectivity between our aggregates to glassy zones around the nanofillers implies thicknesses larger by more than a factor 10 to commonly accepted values, and without visible temperature dependence.
Along the same lines, the origin of the additional elastic contribution could be the result of the existence of continuous glassy paths between aggregates. This has been proposed as a theory to explain shifts in T g and other dynamics in ultra-thin films 38 for which some shift in T g appears, for typical film thickness of 50 nm 39 . This analogy with thin film has also been proposed by Kumar et al. 29, 30 to explain the shift in T g in some nanocomposites (which is abated in 29 but not in 30 , as it can depend on the matrix polymer interaction and the processing). Note that if the orders of magnitude of the characteristic distance are the same in our system and in thin films, a marked difference appears in the sign of the shifts in T g which are negative in thin film for cases corresponding to no or weak polymer-surface
interaction, while it is slightly positive in our case ( figure 8 ). This observation implies the need to reconsider the polymer-filler interaction in our case which appears to be possibly stronger than expected. Apart from specific surface chemistry considerations, which we are not in a position to study in our system, the origin of a stronger polymer-filler interaction could be attributed to the shape of our primary aggregates; at scale between the size of the individual particles (5 nm) and the size of the aggregate (30nm) the surface is contorted. This can be associated with earlier proposals that the interaction potential between polymer and a fractal filler surface is much enhanced by its roughness 14, 20 .
This assumption of stronger polymer-filler interaction opens the way to an additional conformational contribution, via the bridging of the primary aggregates by some matrix chains. Saverstani et al. 40 have
proposed a model and some simulations based on the formation of a mixed polymer-filler network by adsorption of the chain on the filler objects. They have showed that an additional elastic contribution appears in the modulus when the mixed network is formed for a typical rim-to-rim distance equal to twice the gyration radius of the polymer chains. For our PS chains (Mw = 280 000 g/mol, I p =2,) the average R g should be ~15nm; thus a distance of 30 nm is expected, still lower than our minimal rim-torim distance of 60 nm, but molecular weight polydispersity could play a role in this phenomenon.
To end this Discussion, we would like to recall that secondary relaxation times were formerly observed in filled systems of well-dispersed particles 23 ; in this case, a model assuming no specific lower-mobility regions, but only spatial correlations at large distances was used 41 . However, the plateau moduli obtained in this case are much lower than in the present study.

V Summary and Conclusion
In summary, we have been able to synthesize, over a wide range of volume fraction, polymer systems filled with very small particles (5 nm in size), aggregated at nanometer size only, and well dispersed at all larger sizes. We were then able to characterize the structure precisely over the full relevant size range, from nanometer to sample size, owing to a combination of Small Angle Neutron Scattering and Transmission Electronic Microscopy. The fillers form small primary aggregates of tens of particles, of elongated, slightly ramified shape, with a radius around 30 nm, distributed homogenously in the matrix and separated by a mean rim-to-rim distance of 60 nm. When the silica volume fraction is increased, a threshold * SiO2 appears, at which the primary aggregates percolate in a directly connected filler network. Two very different nanocomposite structures can thus be tuned with the simple silica volume fraction parameter. The resulting mechanical response of the material was then analyzed through different mechanical tests. Initially, with short time-spans, both stretching and DMA experiment were a simple illustration of the influence of the filler network connectivity on reinforcement properties. A direct correlation between the divergence of the reinforcement factor and the formation of the primary aggregates' connected filler network was seen. Secondly, with longer time spans (than the matrix terminal time) and small deformation (1%), a more surprising mechanical signature appeared below the silica volume fraction threshold for connectivity: the material exhibited an additional elastic contribution, with very long terminal times (not accessible). Comparing this effect with the dynamic effect attributed to a glassy layer model around the filler, the discrepancy is that the typical extension layer was around 2 nm, much lower than our rim-to-rim distance of ~ 60 nm. Similar values were however seen in T g shifts of thin polymer films (the typical thickness threshold being around 50 nm).
We must also reconsider the polymer-filler interaction, which can be stronger due to the higher adsorption capacity of fractal filler compared to single spheres. In this case, the mechanical behavior could be the result of an additional conformational effect through the formation, for a typical distance of 2.R g  30 nm, of a mixed polymer-filler network by a bridging effect on the part of the polymer chains. 
